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Nanocrystalline (nc) materials are known to deform via mechanisms not accessible to their
coarse-grained counterparts. For example, deformation twins and partial dislocations emitted from
grain boundaries have been observed in nc Al and Cu synthesized by severe plastic deformation
(SPD). This paper further develops an earlier dislocation-based model on the nucleation of
deformation twins in nc face-centered-cubic (fcc) metals. It is found that there exists an optimum
grain-size range in which deformation twins nucleate most readily. The critical twinning stress is
found determined primarily by the stacking fault energy while the optimum grain size is largely
determined by ratio of shear modulus to stacking fault energy. This model formulated herein is
applicable to fcc nanomaterials synthesized by SPD techniques and provide a lower bound to the
critical twining stress. © 2005 American Institute of Physics. [DOIL: 10.1063/1.2006974]

I. INTRODUCTION

Nanocrystalline (nc) metals are solids with grain sizes
smaller than 100 nm. They typically exhibit mechanical
properties that are markedly superior to those of conven-
tional materials. For example, they have been reported to
have excellent superplasticity,1 high strength,z_6 and in a few
cases a combination of high strength and excellent
ductility.z’5 These exceptional properties are attributed in part
to their unique deformation mechanisms, which are derived
from their unusual microstructures.’

Our current understanding of the deformation mecha-
nisms in nc metals has accrued mostly from molecular-
dynamics (MD) simulations.*" Such simulations predict nc
metals to deform via grain boundary (GB) sliding at very
fine grain sizes (e.g., 3—10 nm).g’lo In practice, this predic-
tion will be affected by the structure of the grain boundaries,
which strongly depends on processing history. Partial dislo-
cation emission from GBs (Ref. 8) is shown to dominate at
several tens of nanometers. Deformation twins (DTs) have
been predicted in nc Al,&]2 Ni,lo’ll and Cu.'* DTs and partial
dislocation emissions from GBs were recently verified in nc
Al, Cu, and Pd by high-resolution transmission electron
mic:roscopy.“s_19

Al in its coarse-grained state has never been observed to
deform by twining, except at crack tips,20 because of its very
high stacking fault energy (SFE). Coarse-grained copper
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does not deform by twinning®'** except at very high strain
and/or low temperatures.25 Moreover, in coarse-
grained Cu smaller grain size was found to impede deforma-
tion twinning, which is also true for many other metals.”*?’
In contrast, twinning becomes a major deformation mecha-
nism in nc Cu processed by high-pressure torsion (HPT) at
room temperature and a low strain rate.'” In addition, it was
also found that under the same HPT condition, twinning only
occurred in crystalline domains that are smaller than
50 nm.”® These results indicate that the nc materials indeed
deform via mechanisms not accessible to their coarse-
grained counterparts and grain size plays a critical role in the
formation of DTs.

The nucleation and growth of DTs in nc materials are not
well-understood phenomena. Both atomistic simulations and
experimental studies indicate that DTs are formed by partial
dislocation emissions from GBg®!%!1>17:19:29 However, it is
not clear under what conditions DTs will nucleate and grow.
For example, atomistic simulations do not predict what criti-
cal stress is needed for DT nucleation and growth or what
grain size is optimum for DT nucleation. Recently, Frgseth et
al* argued that it is much more difficult for a twin to nucle-
ate than for it to grow basing on the nucleation barriers of
various partials as described by the generalized planar fault
energy curves. However, their analysis is only qualitative and
does not provide a critical stress or grain size for twin nucle-
ation. Another problem with MD simulations® ' is that they
usually use extremely high strain rates in the order of
10°-10% s~!, which correspond to explosive deformation in a
real experiment. Since it is well established that the strain
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rate significantly affects the deformation mechanisms of
materials,7’17 the interpretation of the atomistic simulation
results is rendered complex. Accordingly, it is of interest to
study the grain-size effect on the deformation twinning with-
out the complications that are associated with high strain
rates.

Two similar analytical models were proposed to explain
the formation of DTs in nc metals.'®*! The models are based
on dislocation mechanisms in coarse-grained materials. They
describe a slower critical stress increase with decreasing
grain size for moving twinning partials than for moving lat-
tice dislocations. This leads to deformation twinning below a
critical grain size. Unfortunately, experimental data show
that for coarse-grained metals the critical stress for twinning
actually increases faster with decreasing grain size than that
for lattice dislocation in many metals and alloys including
Cu and AL%* Therefore, the aforementioned models are not
supported by the experimental data in coarse-grained metals,
let alone nc metals. The problem with these two models is
that they are not based on sound deformation physics of
nanometals.

A more recent analytical dislocation model by Asaro et
al.*? predicts that below a certain critical grain size in nc
metals, partial dislocations from GBs need a lower stress to
move than lattice dislocations. The model of Asaro et al.
predicts a realistic, low twinning stress that is obtainable
under experimental conditions such as ball milling. However,
the model fails to address two critical issues. First, the emis-
sion of a partial dislocation does not guarantee the nucleation
of a DT because a trailing partial could follow to erase the
stacking fault formed by the first partial. Second, random
emissions of partial dislocations from a GB would give a DT
equal probability to grow or to shrink, which cannot explain
the DT growth and the observed large DTs in nc Al and
cu 517

To address the above two issues, we recently developed
a preliminary analytical model to describe the nucleation and
growth of DTs in nc AL*® This model describes the critical
stresses required for moving lattice dislocations and various
partial dislocations, and predicts an optimum grain size and a
critical external stress for twin nucleation. In addition, it re-
vealed a stress-controlled twin growth mechanisms, which
explains why and how a twin can grow in the absence of the
conventional pole mechanism. Our model could explain very
well the experimental observations of DTs in nc Al synthe-
sized by cryogenic milling.ls’33 However, in its original form
the model is difficult to use and requires extensive effort to
compute and compare various stresses. In this paper we shall
further develop and simplify this model and examine its va-
lidity with more experimental data. We shall also examine
the effect of SFE and shear modulus on the critical stresse
and optimum grain size for DT nucleation.

Il. MODEL DEVELOPMENT

To understand the nucleation mechanisms of DTs in nc
fcc metals, we draw on the simulation results''? and experi-
mental observations'”'® that Shockley partial dislocations
are emitted from GBs. One scenario of dislocation emission
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from GBs is that a dislocation is nucleated on a GB and then
moves into a grain interior under an external stress. Basing
on theoretical models of dislocation emissions from crack
tips,34’35 Van Swygenhoven et al.>** argued that the gener-
alized planar fault energies curves should be used for the
nucleation of partial dislocations from GBs. However, they
did not give quantitative results or analytical description on
how this be accomplished.

Another scenario is that nongeometrically necessary lat-
tice dislocations at a GB or a crystalline domain boundary
simply dissociate into two partials and one of partials move
into the grain interior under an external stress, thus avoiding
the requirement for nucleation of partial dislocations. Such a
scenario exists in nc materials synthesized by severe plastic
deformation techniques.zg'3 37 For example, high density of
dislocations were found on the twin domain boundaries in nc
Cu synthesized by HPT (see Fig. 1),%® strongly supporting
this scenario. Furthermore, in this scenario the emission of
partial dislocations does not need to overcome the energy
barrier, e.g., the unstable stacking fault energy or the un-
stable twin fault energy, described in the generalized planar
fault energy curve. Therefore, only the SFE is relevant and
need to be considered.

In our model we shall only consider the latter scenario.
Importantly, our recent model* predicted that DTs were
formed in two steps: (1) formation of a stacking fault across
the whole grain by dissociation of a lattice dislocation, and
(2) emission of a twinning partial on a slip plane adjacent to
the stacking fault plane. These two steps are consistent with
the scenario considered here. In the following we shall fur-
ther develop and simplify this model.

We use some of the assumptions used in a previous
model for partial dislocation emissions: > (1) a grain with a
square (111) slip plane is considered for simplicity, and (2)
partial dislocations are formed by dissociation of lattice dis-
locations, thus avoiding their nucleation from GBs. In addi-
tion, we shall ignore the Peierls stress because it is very
small (e.g., <1 MPa for Al).*® We also ignore the differences
in the core energies between partial and lattice dislocations
because our calculations show their effects to be negligible.

As shown in Fig. 2(a), under an external shear stress, a
leading Shockley partial dislocation, b;=a/6[211], is emit-
ted from grain boundary AB (see the line AabB). Note that
dislocation emission from a GB referred to in this model
does not include the process of dislocation nucleation be-
cause we are only dealing with the scenario in which dislo-
cations already exist on the grain boundary (see Fig. 1)
This partial dislocation b, is pinned at the triple junctions A
and B so that two segments of partial dislocation lines (Aa
and Bb) are deposited on GBs. Similarly, a trailing Shockley

partial dislocation, b,=a/6[121], is emitted from grain
boundary AB and forms the Aa’b’B dislocation line. Partial
dislocation lines ab and a’b’ are separated by a stacking

fault, and they would form a screw dislocation a/2[110] if
collapsed together. The two partial dislocations react to form
two lattice edge dislocation segments, Aa’ and Bb’, at the
grain boundaries. Note that the partial segments ab and a'b’
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FIG. 1. (a) A (110) HREM image of elongated nanodomains in HPT-
processed Cu. The domain boundaries are highlighted using black asterisks.
(b) Fourier transformation of (a). Two sets of lattice forming a twin rela-
tionship are indicated by two rectangles. (c) Inverse Fourier transformation
using the (000) and two spots marked “C” in (b). Dislocation cores are
marked with black “T” and their slip plane is indicated using a white straight
line. (d) Inverse Fourier transformation using the (000) and two spots
marked “D” in (b).

will be curved in a real situation. Here we assume them to be
straight lines to simplify the mathematics without sacrificing
the physics.

The partial dislocation system in Fig. 2(a) is identical to
a screw dislocation, a/2[110], that is dissociated into two
partials. Therefore, we call it a screw system hereafter. Two
other possible dislocation systems also exist. In Fig. 2(a), if a
90° partial, b;=a/6[112], is leading, and the 30° partial,
b,=a/6[211], is trailing, the dislocation system is called the
60° I system. On the other hand, if 30° partial is leading and
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FIG. 2. A schematic illustration of the dislocation model for the nucleation
of deformation twins. (a) a lattice screw dislocation dissociated into two
partials b; and b,; (b) the nucleation of a deformation twin via the emission
of a twinning partial on a (111) plane adjacent to the stacking fault plane;
and (c) the emission of a trailing partial that removes the stacking fault.

the 90° partial is trailing, the resulting dislocation system is
called the 60° II system. The 60° I system was analyzed in
our earlier paper33 and we shall directly use its results. The
60° II system is not operational33 and therefore will not be
analyzed here.

A. Screw system

In this section, we shall analyze the screw system in
detail. The first step to nucleate a DT is to create a stacking
fault that extends from a GB into the grain interior or across
the whole grain. This can be accomplished by two possible
ways. The first is to emit a 30° partial dislocation b; at grain
boundary AB [see Fig. 2(a)], and the second is to have the
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stacking fault ribbon [Fig. 2(a)] stretch all the way across the
grain so that the trailing partial stays pinned at the grain
boundary AB. As found in our earlier work,33 both scenarios
are possible depending on the orientation « of the external
stress 7. However, the second scenario needs lower external
stress to activate and thus determines the critical twinning
stress. In the following we shall first derive stresses needed
for activating various partial dislocations as well as the lat-
tice screw dislocation as a function of grain size and stress
orientation. These equations will then be used to further de-
rive equations for determining the critical twining stress and
optimum grain size for twin nucleation.

In Fig. 2(a), if the second partial dislocation b, is not
emitted, the partial dislocation b, will create a stacking fault
in its wake as it moves across the (111) slip plane. For the
partial dislocation segment ab to move a distance Ax, the
work done by 7 can be expressed as

AE.=Axd7-b,=Axd7h, cos(a—30°), (1)

where b is the absolute length of by, d is the grain size
defined in Fig. 2(a), and 30° is the angle between b, and
dislocation line ab. The stacking fault energy increase is

AE, = Axdy, (2)

where 7 is the SFE per unit area. The increased dislocation
line energy (ignoring the dislocation core energy) is

Gbi(1 - 260°) R
1(1=wvcos )ln—, 3)

AE,=2A
d s 4m(1-v) ro

where G is the shear modulus, v is Poisson’s ratio, R can be
approximated as the grain size d, and r, is approximated as
b, the magnitude of a lattice dislocation. For fcc metals, b
=a/\2 and by=al V6, where a is the lattice parameter.

The external shear stress 7 has to overcome the SFE and
the energy increase associated with the lengthening of dislo-
cation segments Aa and Bb. In other words, work done by 7
on partial segment ab equals the sum of SFE increase and
dislocation energy increase,m’39 ie.,

AE,.=AE,+AE,. (4)

Substituting Egs. (1)—(3) into Eq. (4) and simplifying, it
yields

~ —
1 V6y Ga(4-v) | V2d
wy, Zarmh o,

= +—= . 5
cos(@a=30°)| a 8V6m(l-1)d a ©)

Tp

where 7, is the critical external shear stress to move partial
b,.

For the stacking fault ribbon in Fig. 2(a) to move for-
ward, 7 needs to overcome the energy increase associated
with the lengthening of lattice dislocation segments Aa’ and
Bb'. This is equivalent to moving a lattice screw dislocation
irrespective of the existence of the stacking fault ribbon.
However, the stacking fault area will not change. Following
the procedure used for deriving Eq. (5), we obtain the critical
shear stress for moving a lattice screw dislocation as

G hd
a In <. (6)

T = =
2727 (1 — v)d cos a a
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The partial dislocation and the lattice dislocation com-
pete with each other, and the one requiring a lower stress will
prevail.

As shown in Fig. 2(a), the partials b; and b, have dif-
ferent orientations, indicating that they will be subjected to
different driving forces under an external shear stress 7. This
difference will affect the width of the stacking fault ribbon in
the same way as changing the SFE would. Also, the partial
dislocations form lattice dislocation segments along Aa’ and
Bb’, which have higher energy than partial dislocations.
Therefore, the lattice dislocation segments will exert a drag
on partial dislocation segments a'b’, which is equivalent to
reducing the SFE. The apparent SFE per unit area can be
calculated from the above analysis as'®

Gb? R

2
=y—7.(bj=b)—~| ———1In—
Yo=v= 7 (b;=by) d[4w(l—v)nr0

Gbi(1 -vcos?60°) R
- - ) In —] . (7)
47(1-v) ro
Simplifying Eq. (7) yields
Ga*(8 +v) vEd 7a sin «
Yo=V- oI - ——. (8)
487(1 — v)d a V6

The stacking fault width is inversely proportional to SFE,
ie., s/so=7y/7v, where s is the stacking fault width in nan-
ograins under external stress and s, is the intrinsic stacking
fault width of a screw dislocation. Therefore, when the stack-
ing fault ribbon in Fig. 1(a) moves under an external shear
stress 7, the stacking fault width s can be described as

Yo
S,= = ' -
v—Gd*(8 + v)/[487(1 — v)d]In \2d/a — 7a sin a/\6
)
For a screw dislocation, s, can be described as>>¥
Gh2-3
so= A== 2F (10)
8wy 1—v

Setting s,=d, we can determine the critical external shear
stress 7 above which a stacking fault across the whole grain
is generated. Equation (9) can be used to determine if a
stacking fault spreads across a whole grain under an external
shear stress.

For a twin to nucleate, a second 30° leading partial dis-
location with the same Burgers vector as b; needs to emit
from the GB on a slip plane adjacent to the first stacking
fault [see Fig. 2(b)]. We define this partial dislocation as the
twinning partial and the stress to move it as the twinning
stress Tiyip. There is also a high possibility that a trailing
partial b, will emit on the stacking fault plane and conse-
quently erase the stacking fault as it moves across the plane.
The trailing partial requires a shear stress 7,; to move. The
twinning partial needs to compete with the trailing partial to
nucleate a twin.

As the twinning partial moves forward, it generates a
two-layer twin nucleus, and the stacking fault is replaced
with two twin boundaries. Since the energy of a twin bound-
ary is about half the SFE,* the external shear stress 7 only
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FIG. 3. The critical stresses 7, 7j, Tyyin, and Ty as a function of grain size
d for @=26.5° in nc Cu.

needs to overcome the length increase of partial dislocation
segments Aa’ and Bb' [see Fig. 2(b)]. Following the proce-
dure for the derivation of 7, in Eq. (5), we can derive the
critical twinning stress as

—
Ga(4 - 2d
Ttwin = s a( V) In . - (1 1)
8V61(1 — v)d cos(a—30°) a

The trailing partial a’b’, with a Burgers vector of b, is
driven by both the external shear stress 7 and the reduction
of total SFE [see Fig. 2(c)]. However, lattice dislocation seg-
ments Aa’ and Bb' are also generated on the GB, and exert a
drag force. Considering these factors, stress needed to move
the trailing partial can be derived as

Lirail =

1 { \e"g( 8+ v)Ga V2d \J'g'y
n— -—"-|.
cos(a+30°)| 487(1 - v)d a a

(12)

To nucleate a DT, the twinning partial needs to prevail
over the trailing partial, i.e., Tyin< Tirail-

In our previous work,33 we found that the curve of criti-
cal twinning stress versus grain size follows a cup and handle
shape. It is in the cup section that there exists an optimum
grain size at which the twinning stress is the lowest. To de-
termine this critical grain size and the lowest twinning stress,
we draw from our previous work® the following useful re-
sults: (1) Only the cup section needs to be considered; (2)
For each dislocation system, the cup section corresponds to a
certain stress orientation range, i.e., for the screw system,
-30° <a<60° and for the 60° I System, 30° <a<<120°;
(3) In this cup section, the stacking fault prior to twin nucle-
ation is formed by the spreading of the stacking fault ribbon
of a dissociated lattice dislocation across the whole grain.

fla)=

J. Appl. Phys. 98, 034319 (2005)

To assist with understanding the relationship among 7p,
Tr» Tewino @Nd Typi, We plot them in Fig. 3 [Egs. (5), (6), (11),
and (12)] as a function of grain size d at a shear stress ori-
entation angle «=26.5° using the data for Cu in Table 1. This
a angle is chosen because, as shown later, it is the angle at
which the twinning stress is the lowest. Figure 3 is typical
for the screw system in the stress orientation range of
-30° <a<60°. Close examination of 7, and 7,; curves
in Fig. 3 reveals a critical grain size d, below which 7,
< Ty In other words, d, represents a critical grain size be-
low which a twin would nucleate. Setting 7,y;,= T;a;; and sub-
stituting 7y, and 7y, with Egs. (11) and (12), we obtain

1 \2d.
— ln —_
d. a

A 487(1 — v)cos(a—30°)

" Gd® (8 + v)cos(a—30°) = (4= v)cos(a+30°)"

(13)

Equation (13) indicates that the critical grain size d. is a
function of external shear stress orientation c.

Figure 3 shows that 7, and 7., cross each other at
point C. However, the stress magnitude at point C cannot
nucleate a DT, because the precondition of the DT nucleation
is to first form a stacking fault. As shown, at grain size d..,
7, < Tp, i.€., the lattice dislocation, not the partial dislocation,
is operating. 7; can be found as 0.375 GPa at point C’. Un-
der such an external stress, the stacking fault width calcu-
lated using Eq. (9) is much larger than d., which means that
a stacking fault is first generated by the wide stacking fault
ribbon of a lattice screw dislocation and then a DT is nucle-
ated. Therefore, the critical twin nucleation stress at a given
« is determined by point C’ in Fig. 3. This critical stress can
be calculated by substituting Eq. (13) into Eq. (6), which
yields

7= fla). (14)

where

12V2 cos(a—30°)
cos of (8 + v)cos(a—30°) — (4 — v)cos(a+30°)]
(15)

It is obvious that the critical twin nucleation stress 7, is a
function of shear stress orientation «. The lowest twin nucle-
ation stress can be determined by finding the minimum f(«)
value from Eq. (15). For a given v value, we can set
df(a)/da=0 and solve for the optimum «,,, at which f(a) is
at its minimum. For most fcc metals and alloys, Poisson’s
ratio v ranges from 0.27 to 0.44.° Our calculations show that
@, value varies from 27.3° to 25.7° (see Fig. 4), i.e., the a,

TABLE 1. Parameters for Cu and Al used in our model (see Refs. 39 and 42).

G Y a Tmin dop

(GPa) v (mJ/m?) A) (GPa) (nm)
Al 26.5 0.345 122 4.04 0.88-0.91 4.9-74
Cu 54.6 0.343 45 3.6146 0.36-0.37 38.4-54.2
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FIG. 4. Variation of the optimum orientation angle a,,, with Poisson’s ratio
for the screw system.

value is insensitive to the variation of v value. For simplicity,
we can approximate a,,=26.5° irrespective v value, and can
calculate the minimum f(«) value from Eq. (15) as

12.211

pm— 16
3. 727+ v (16)

f ( a)min =

Our calculation indicates that error from Eq. (16) due to
the approximation of «,, is less than 0.03% when v is varied
from 0.27 to 0.44. Substituting Eq. (16) into Eq. (14) yield
the minimum stress for twin nucleation from a screw system
as

12211 v

o=l Y 17
Tmin= 3997+ va (17)

Similarly, Eq. (13) can be simplified by the approxima-
tion of @,,=26.5° as
3.727+v  Gd®

d
T~ - (18)
In(\2d/a)  97.053(1-1) y

where d,, is the optimum grain size at which f(a) is at its
minimum. Our calculation shows that the error caused by the
approximation on the right side of Eq. (18) is less than 0.7%.

Therefore, for the screw system the minimum twin
nucleation stress can be calculated from Eq. (17), while op-
timum grain size for twin nucleation can be determined by
solving Eq. (18).

B. The 60° | System

We can also derive the optimum stress orientation a,
the minimum twinning stress T;,, and the optimum grain
size d,, for the 60° I System. The starting equations for such
derivation, i.e., Tp, T, Tywin» and Ty,, have already been
derived:™

1 \e‘%y Ga \2d
= — 4+ 1 - |, 19
T sin a( a 2\*'%7751 1 a ) (19)
Ga(4-3 Y
= ———084=3Y) In =, (20)
8V27(1 — v)d cos(a—60°) a
Ga \2d

g = —————— In ~——, @1

"o Jemdsina a )
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NG Ga(8 - 5v) V2d v
Tirail = n— -~
rail cos(a—30°) [ 487(1 — v)d a a

(22)

Following the procedure for the screw system, we first
Set Tiwin= Tirai> Which yields

\'Edc y 487(1 — v)sin «
In~—=< =2 , .
a Ga* (8 = 5v)sin a—4(1 — v)cos(a—30°)

(23)

S

c

Substituting Eq. (23) into Eq. (20) yields
3 \5(4 - 3p)sin «
cos(a—60°)[(8 =5v)sin a—4(1 — v)cos(a—30°)]"
(24)

T, =

QIR

Setting d7,/da=0, we can obtain the optimum a, at
which 7, is at its minimum. Similar to the screw system, «,
can be approximated as 85.2°, irrespective the v value. Sub-
stituting a,,,=85.2° into Eq. (24) yields

B 1.715(4 — 31/)2/

L= . 25
Tmin =" 089-v a @5)
Substituting a,,=85.2° into Eq. (23) yields

doy  2089-v Ga’ (26)

In(V2d,/a) 54.985(1-v) y

Our calculations show that the approximation of a,
=85.5° led to an error of <0.2% in 7, and an error of
<1.2% in the right side of Eq. (26). Therefore, for the 60° I
system, the minimum twin nucleation stress can be calcu-
lated from Eq. (25), while optimum grain size for twin nucle-
ation can be determined by solving Eq. (26).

lll. DISCUSSIONS
A. Effect of stacking fault energy and shear modulus

As shown in our calculation later and in our previous
work, the 60° I system twins at a slightly lower stress and
smaller optimum grain size™” than the screw system. In a real
grain, the dislocation is most likely a mixed nature, and the
twin nucleation stress and optimal grain size are between
those of the 60° I system and the screw system, i.e.,

1.715(4—3V)Z< _ 12211 y

<7.< , 27
2089-v a ™ 3727+va @7
2089-v Ga® _ dy 37271+v Ga®

54985(1-v) ¥ In(\2d/a) 97.053(1-v) y

(28)

For fcc metals and alloys, neither Poisson’s ratio v nor
lattice parameter changes dramatically from material to ma-
terial. However, the SFE vy could vary by more an order of
magnitude. In addition, the slight change in alloy composi-
tion could significantly change the SFE.*!' Therefore, it is
reasonable to say from Eq. (27) that the minimum twin
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nucleation stress for both the screw system and the 60° I
system are largely determined by the SFE. Lower SFE leads
to lower twin nucleation stress.

Equation (28) indicates that the optimum grain size for
twin nucleation is largely determined by the ratio of shear
modulus to SFE (G/v). Higher shear modulus and lower
SFE leads to larger optimum grain size for twin nucleation.

B. Application to nanocrystalline Cu and Al

Nanocrystalline Cu and Al have been studied more ex-
tensively than other nc metals®'® and have more experimen-
tal data to compare with our model. Parameters for Cu and
Al used in our model as well as the ranges of minimum
twining stress and optimum grain sizes calculated using Eqgs.
(27) and (28) are listed in Table 1. First, we note that the
minimum stresses and optimum grain sizes for twin nucle-
ation in Table I agree very well with our earlier paper,33
attesting to the accuracy of Egs. (27) and (28). Second, we
can see that nc Cu can form DTs at significantly lower
stresses and larger grain sizes than Al

As listed in Table I, in nc Al the optimum grain size for
DT nucleation is in the range of 4.9-7.4 nm. However, ato-
mistic simulations predicted GB sliding as the primary de-
formation mode in nc Ni (Ref. 43) and nc Cu (Ref. 14) when
their grain sizes are below 10 nm. Such a trend also likely
exists in nc Al, but again, this behavior will be affected by
processing hsitory. In other words, GB sliding, instead of
deformation twinning, is the likely deformation mode in nc
Al with grain sizes smaller than 10 nm. Indeed, DTs were
not observed in grains smaller than 10 nm in a nc Al pro-
duced by cryogenic ball milling.7’15 Twins were only ob-
served at small corners of grains of several tens
nanometers."> Such a large grain is too large for GB sliding,
but its small corners can nucleate DTs at (111) planes with a
size between 4.9 and 7.4 nm, and then grow larger near the
grain corner. The DTs were not observed in large grains be-
cause the DT nucleation requires very high stress.

Table I also shows that the critical stress for DT nucle-
ation in nc Al is very high (>0.88 GPa). It is very difficult,
if not impossible, to reach such a high stress under normal,
slow strain rate deformation. High strain rate and/or low
temperature are known to promote the DT nucleation be-
cause they raise external stresses. This is consistent with ex-
perimental observations of DT in cryogenically ball-milled
nc Al, which was subjected to both high strain rate and low
temperature.7’15 The high stress required for DT nucleation
also explains the experimental observation that DT only ap-
peared in a very small fraction of grains,7’15 and does not
play a major role in the deformation of nc Al. Note that
another leading model'® predicts a twin nucleation stress of
2 GPa, which is unlikely under the cryogenic ball milling
conditions.

The current model predicts that the optimum grain size
for DT nucleation in Cu is 38.4-54.2 nm. In the HPT-
processed nc Cu, DTs were only observed in Cu grains
smaller than 50 nm,28 which is consistent with our model
prediction. In addition, critical twinning stresses for Cu is
0.36—0.37 GPa (Table I), which can be easily reached under

J. Appl. Phys. 98, 034319 (2005)

the HPT condition, which were performed under a large
compressive stress of 7 GPa. This also explains the high den-
sities of twins in the HPT-processed nc Cu, which suggests
that DT played a significant role in the deformation of nc Cu.

C. Validity and limitation of the current model

In this model, we have made several assumptions to ren-
der the mathematics tractable without sacrificing physics.
First we assumed a square grain shape and straight disloca-
tion lines although real dislocations are curved. We also ig-
nored the interaction between the dislocations and GBs.
These assumptions make this model semiquantitative. How-
ever, we also note that the equation for dislocation line en-
ergy [Eq. (3)] from the classic dislocation theory is itself
semiquantitative because of the uncertainty in determining
the values of r, and R. A recent MD simulation** shows that
Eq. (3) is valid at grain sizes down to 2 nm, which validate
our use of the equation at grain sizes relevant in the current
model.

In this model, we do not consider dislocation nucleation
from GBs, and assume that nongeometrically necessary dis-
locations already exist at GBs and can readily move under a
sufficient external stress. Such type of dislocations are abun-
dant in severe plastic deformation (SPD)-processed nc mate-
rials and such GBs have been termed nonequilibrium
GBs.”'" Therefore, this model should work very well in nc
materials synthesized by SPD techniques, which may be why
it can explain well the experimental observations in cryo-
genic ball-milled Al (Refs. 15 and 16) and HPT-processed
Cu.'® For nc materials without nongeometrically necessary
dislocations, e.g., nc materials synthesized by methods such
as chemical-vapor deposition (CVD) and electrodeposition,
dislocation nucleation is a critical step and deformation twin-
ning would require higher external stresses than predicted by
our current model. A model for dislocation nucleation from
GBs would need to consider the generalized planar fault en-
ergies curves.*

IV. CONCLUSIONS

We have further developed an earlier analytical-
classical-dislocation-based model to describe DT nucleation.
Simple analytical equations for calculating the critical twin-
ning stress and optimum twinning grain size were developed
for easy application of the model. Our model indicates that
an optimum grain-size range exists in which the critical DT
nucleation stress is the lowest. It also satisfactorily explains
the experimental observations of DTs in both nc Al synthe-
sized by cryogenic ball milling and nc Cu synthesized by
HPT, attesting to its validity. Because the model does not
address the dislocation nucleation from GBs, it may be ap-
plicable only in the nc fcc materials produced by SPD, in
which nongeometrically necessary dislocations exist on the
grain boundaries.
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